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The status of the High Energy Dif-
fraction Microscopy (HEDM) program
at the 1-1D beam line of the Advanced
Photon Source is reported. HEDM ap-
plies high energy synchrotron radia-
tion for the grain and sub-grain scale
structural and mechanical character-
ization of polycrystalline bulk materi-
als in situ during thermomechanical
loading. Case studies demonstrate the
mapping of grain boundary topology,
the evaluation of stress tensors of in-
dividual grains during tensile deforma-
tion and comparison to a finite element
modeling simulation, and the char-
acterization of evolving dislocation
structure. Complementary information
is obtained by post mortem electron
microscopy on the same sample volume
previously investigated by HEDM.

INTRODUCTION

High-energy x-rays (50-100 keV)
penetrate millimeters to centimeters
into materials, depending on the atomic
numbers of the constituents, and there-
fore are capable of probing true bulk
properties. High-energy third genera-
tion synchrotron facilities such as the
Advanced Photon Source (APS) at the
Argonne National Laboratory provide
high-energy x-rays of unprecedented
brilliance enabling the preparation of
intense sub-micrometer sized beams.
It has been demonstrated that by using
area detectors and exploiting orienta-
tion contrast, diffraction of such beams
by polycrystalline materials enables
characterization of structural attributes
and grain-scale mechanical properties
and performance characteristics in situ
during thermomechanical loading.
Over the last several years specialized
instrumentation has been developed
at the APS 1-ID beamline within the
High-Energy Diffraction Microscopy
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How would you...

...describe the overall significance
of this paper?

This paper describes emerging
characterization experiments
referred to as High Energy
Diffraction Microscopy conducted
at the Advanced Photon Source
(APS) beam line 1-ID-C. “Near
field” diffraction is used to quantify
three-dimensional orientation
maps of polycrystalline samples
non-destructively, with incredible
detail grain boundary geometry.
“Far field” experiments are used to
quantify lattice strains and single
crystal stress states within large
aggregates subjected to in situ
loading.

...describe this work to a materials
science and engineering
professional with no experience in
your technical specialty?

Materials derive their mechanical
properties from their internal
structure. As engineering moves
downscale, it becomes more
important to quantify the structure
and mechanical response of
engineering materials on small
size scales. High energy x-ray
diffraction methods are rapidly
evolving into important microscale
characterization tools that can be
used together with high fidelity
mechanical models.

...describe this work to a
layperson?

Micro- and nano-engineering
methods hold enormous promise
for a broad spectrum of products
and processes. The determination of
material attributes and mechanical
properties on small size scales is
one of the main barriers to moving
down scale. Instead of making tiny
specimens, we examine deforming
test samples using high energy
x-rays, created using a special
national laboratory facility. This
work will enable us to precisely
reconstruct the internal structure of
engineering alloys and will provide
important mechanical data on the
micron scale.

(HEDM) project which has grown to
be a major user program. This paper
outlines distinct HEDM techniques and
presents case studies. Details of x-ray
optical components may be found else-
where.?

Types of diffraction experiments on
polycrystals can be generally delineat-
ed in terms of the sample-to-detector
distance. In the near-field limit, grain
outlines are projected onto a high-reso-
lution imaging detector which is placed
only a few millimeters behind the sam-
ple. In the case of grains of sufficient
crystalline perfection, an area beam
can be employed to illuminate a sam-
ple volume. However, with increasing
lattice orientation spread, spot overlap
becomes prohibitive, and eventually
a line beam must be used that illumi-
nates a single sample layer. A forward
modeling reconstruction (FMR) proce-
dure is described for this geometry. The
scattering event is modeled explicitly
and the orientation of individual sam-
ple grid elements is optimized.

At the far-field limit, the sample to
detector distance is much larger than
the sample dimensions. This provides
ample space for sample environment.
The strain sensitivity is dramatically
improved, but only the center-of-mass
grain positions are measured. At in-
termediate detector distances, several
complete diffraction rings are record-
ed, and grain specific stress tensors can
be evaluated. By moving the detector
even further back and using a narrow
bandwidth x-ray beam, the angular
resolution is improved such that peak
broadening due to dislocation structure
can be analyzed. The latter setting is re-
ferred to as high-resolution reciprocal
space mapping.

In this paper, both medium and high-
resolution reciprocal space far-field
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diffraction experiments are demon-
strated by an investigation of the plas-
tic deformation of the HCP titanium al-
loy, Ti-7Al. Investigations on both the
grain and subgrain length scales were
conducted. Electron microscopy (EM)
was performed post-mortem on the
same samples and subsets of grains af-
ter in situ far-field measurements dur-
ing uninterrupted tensile deformation.
Serial sectioning was applied to obtain
bulk information. Finally, we present
an application of high-resolution recip-
rocal space mapping to characterize the
evolving dislocation structure in pure
copper during tensile deformation. The
diffraction signals from individual sub-
grains are identified and enable a de-
tailed characterization of their behavior.

NEAR-FIELD
MICROSTRUCTURE
ORIENTATION MAPPING

Figure 1 shows a schematic of the
near-field experimental configura-
tion. At the APS, the penetration depth
and beam size are well matched and
the structure inside millimeter sized
samples can be probed. In addition,
because of the small source size, spe-
cial purpose high-energy x-ray optics
can focus beams to micron or smaller
dimensions. In our near-field micro-
structure mapping measurements, we
focus in one dimension (vertical) but
allow the other dimension to remain
unfocused. Thus, the sample is illumi-
nated by a planar beam with micron
vertical but millimeter horizontal di-
mensions and measurements are done
in transmission. If the beam illuminates
a sufficiently small number of grains,
diffraction spots generated by individ-
ual grains can be isolated and imaged.
Because Bragg angles are small at high
energies, many diffraction orders can
be collected on a small area detector
placed millimeters to centimeters be-
hind the sample. For example, at 50
keV, {111} scattering from nickel has
a Bragg angle of 6 = 3.5°, and a scat-
tering angle, 20, of 7°. At 1 cm, this
diffraction will have diverged from
the incident beam by only 1.2 mm. At
5 mm, a 3 x 3 mm? detector can see
(in the configuration of Figure 1) peaks
with Miller indices up to {911}. The
imaged spots are essentially projec-
tions of the shapes of cross-sections of

the diffracting grains. The projections
are anisotropic: as implied by Figure
1, the x-direction dimension is repro-
duced essentially 1:1 whereas the grain
dimension in the z-direction is com-
pressed in the y-dimension of the de-
tector. This anisotropy depends on both
detector coordinates (26 and ) and can
be overcome by obtaining many Bragg
spots from each grain with the sample
in different orientations.

Our data collection protocol consists
of measuring diffraction pattern imag-
es as the sample rotates through a small
interval in o, typically one degree. At
each detector position, L, 180 contigu-
ous intervals are measured and either
two or three L-distances are measured.
For cubic crystal structures, random
orientations generate roughly 60 Bragg
peaks that strike the detector imply-
ing that 60 projections are obtained for
each grain cross-section in the illumi-
nated plane. All of these projections are
used by the FMR procedure described
below.

We collect volumetric data by tak-
ing 360 (two detector distances) or
540 (three distances) images for each
cross-section, translating the sample
along the y-axis, and repeating the
process. The vertical step size is deter-
mined by weighting several factors. In
order to determine three-dimensional
grain shapes, it should be less than the
grain size by at least a factor of ten.
To obtain isotropic three-dimensional
resolution, it should be approximately
equal to the in-plane spatial resolution.
Depending on the data acquisition rate,
it must be large enough to repeatedly
measure a significant volume of mate-
rial and allow for sample treatments
during a typical synchrotron beam
time. Compromise values have ranged
from four to 20 micron steps between
layer measurements. It should be noted
that with recent developments, we ex-
pect an increase by a factor of about
20 in data acquisition rates relative to
the data sets presented here. This will
allow for high-resolution studies both
in terms of spatial resolution and in the
sample treatment steps taken between
measurements (annealing, strain, tem-
perature, etc.).

In an attempt to extract as much in-
formation from volumetric data sets as
possible (noting that the data sets are

expensive in terms of experimental fa-
cilities, beamtime, and human resourc-
es), we use a computationally inten-
sive FMR procedure. The experiment,
as described above, is modeled in the
computer, the sample plane is meshed
with equilateral triangles and, in each
triangle, a fundamental zone of crystal
orientations is “searched” so as to gen-
erate Bragg scattering that optimally
overlaps that seen in the measurement.
The orientation in each triangle is de-
termined independently from others
and is based on matching to the entire
data set—about 60 Bragg peaks are
assigned to individual triangles. This
independence makes parallel compu-
tation easy to implement. In prelimi-
nary image analysis, CCD images are
median filtered to remove hot pixels,
a background is subtracted, and peaks
are identified. All pixels in a peak that
are above some fraction (typically 0.1)
of the peak height are set to one while
others are set to zero. At this point, the
FMR code matches to this binary ver-
sion of the experimental data. Thus, we
are still not extracting as much infor-
mation as is in the data sets; we are cur-
rently implementing intensity match-
ing code. In the case where grains are
found to be well-defined entities with
little intra-granular orientation varia-
tion, a variety of short-cuts can be
used to accelerate the reconstruction.
As area elements are fitted, a list of re-
sulting distinct orientations can be kept
and these can be tested (perhaps with a
local Monte Carlo orientation optimi-
zation) against the data set; if the match
is sufficient, the full orientation space
does not need to be tested. Further,
once one layer of data has been recon-
structed, the adjacent layer(s) can start
with neighbor orientation fields and a
procedure similar to that just described
can be used. In appropriate data sets,
one gains at least a factor of ten in re-
construction speed.

The result of the FMR procedure is
illustrated in Figure 2a which shows
one section of a reconstructed fully re-
crystallized nickel microstructure. The
triangular mesh, consisting of 98,304
triangles with 5.6 um sides, covers the
entire hexagon. In the white space, the
reconstruction code found no orienta-
tion that generated sufficient match to
the data. The circular colored region
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corresponds to the 1.1 mm diameter
sample cross-section (the notch on the
left side resulted when the sample was
electric discharge machined). Colors
correspond to crystallographic orienta-
tion by mapping the three components

720 pm

of the Rodrigues vector to red, green,
and blue contributions, respectively.
Each colored region contains many
triangles—each of which was indepen-
dently determined to have a similar
orientation. In Figure 2a, black lines

Figure 1. Schematic of the
mapping measurement as de-
scribed in Poulsen,* and Suter
et al.®

Figure 2. (a) Orientation map of an internal layer of high purity nickel determined using the
near-field HEDM method showing several hundred grains of about 40 pm diameter. Black
lines indicate orientation discontinuities larger than 0.1°. (b) Stack of 43 layer sections simi-
lar to that in (a2) meshed into a three-dimensional digital structure. The axis of the cylindrical
sample is perpendicular to the shown section. Only boundary mesh elements are shown.
Colors are mapped from the misorientation between bounding grains, as is indicated by

the scale bar.
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have been added between any nearest
neighbor triangles with orientations
that differ by at least 0.1°. These lines
mostly outline the grain boundaries. In
addition, a few lines appear inside of
the grains, but given the 0.1° threshold,
their sparse distribution indicates both
rather perfect grains and the very good
angular resolution of the measurement.
This test is quite rigorous since none
of the above mentioned shortcuts were
used in this reconstruction. Simulations
on well ordered, synthetic microstruc-
tures indicate an orientation resolution
of 0.1°.°

Figure 2b shows the result of a volu-
metric measurement including 43 lay-
ers similar to that in (a). We use state-
of-the-art meshing code based on the
Computational Geometry Algorithms
Library,® a well tested templated C++
library of general purpose routines.
With such meshes plus a feature ex-
traction library (XDM++), we can
analyze misorientations (as displayed
in the figure), grain sizes, shapes, and
connectivity, grain boundary character
distributions, as well as others. Given
measurements of the same volume be-
fore and after processing, differences
in structures can be seen. With addi-
tional mesh quality improvements, the
volume meshes can be inserted into fi-
nite element codes and, together with
response data, can be used to directly
validate or invalidate models and to fix
values of unknown parameters in the
models.

Figure 3 shows an example of the
statistics extraction capabilities of the
HEDM mapping measurement. The

Figure 3. The distribution of misorientation angles between nearest
neighbor grains. The angle bin size is 0.1°. The maximum rotation

40 angle required for cubic symmetry is 62.8°. Sharp peaks occur at ro-

50 60

tation angles corresponding to coincident site lattice orientation rela-
tionships including £27a (31.6 °), £27b (35.4 °), 9 (38.9 °), and X3
(60.0 °). Making these X-assignments, however, requires specification
of the rotation axis in addition to the rotation angles presented here.
Each of the sharp peaks has full width at half maximum of 0.1°. The
inset shows the peak at 38.9° with a bin size of 0.02°.
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detector B

detector A
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Figure 5. Loading curves of the air- 600
cooled (AC) and ice water quenched
(IWQ) Ti-7Al samples. In our latest ex- <
periment, the samples were deformed < 500
continuously at a nominal strain rate of ?g’
10-° st while x-ray diffraction patterns £ 400
were acquired. Reduction of those ¢
data is ongoing. Previously, the loading
S - 300
was halted to acquire diffraction data.
The approximate macroscopic stress
levels where the earlier Ti-7Al diffrac- 200
tion experiments were conducted are
depicted as the four red symbols. The 100
data from these diffraction experi-
ments are presented in this paper. 0
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Figure 7. Cut through the high-
resolution reciprocal space
map of a prismatic reflection
of the AC reference grain. The
abscissa is associated with an
azimuthal reciprocal space di-
rection and indicates misorien-
tations, whereas the ordinate
is along the radial reciprocal
space direction indicating
strain. Three domains of dis-
tinct orientation are discern-
able that also display distinct
lattice strain distributions. The
color bar indicates intensities
which are proportional to vol-
ume fractions.

-06 -04-02 0

Figure 4. Far-field diffraction setup in
the 1-ID-C hutch.®

——Ti-7Al-AC
——Ti-7AI-iIWQ
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0.02

Figure 6. Principal stress triads or “jacks”
depicting the orientation and magnitude
of the principal stresses experienced by
four grains (#1, #5, #10, and #11) within
the deforming AC specimen at the indi-
cated macroscopic stress levels (in MPa).
These stresses are depicted as the red
symbols in Figure 5. The relevant speci-
men directions, LD (loading direction), TD
(transverse direction) and ND (normal di-
rections) are also depicted as is a stress
color bar.

02 04 06 08
tan(q,/q,)(°)

distribution of misorientation angles
between nearest neighbor grains shows
a smooth distribution (similar to the
Mackenzie distribution of randomly
oriented cubes) punctuated by sharp
peaks at several angles associated with
low order coincidence site lattice ro-
tation angles, X27a, X27b, X9, and
¥3. The X3 peak corresponds to twin
boundaries, a 60° twist about the <111>
interface normals. All of the peaks of
the misorientation distribution have
0.1° widths which is our orientation
resolution—thus, the “special bound-
ary” peaks are surprisingly sharp.” The
predominance of X3 boundaries can
also be seen in Figure 2b through the
many blue boundaries.

The nickel data set presented here
illustrates the ability to obtain detailed
orientation maps at several micron res-
olutions in a well ordered material. We
have measured a similar volume of a
nickel-bismuth dilute alloy and are in
the process of comparing grain bound-
ary character distributions and grain
boundary energy distributions.® We
plan to anneal both of these samples so
as to compare the grain growth in well
characterized and well ordered materi-
als. In addition, we have measured and
reconstructed significantly less well
ordered materials and are implement-

-Y

Figure 8. EBSD image containing the
AC master grain (red). The image width
is 250 um, the load axis is horizontal,
and the color contrast is scaled to a
misorientation of 2°. The intragrain con-
trast indicates that the master grain is
subdivided into a small number of mis-
oriented domains. This observation is in
agreement with the x-ray high-resolu-
tion reciprocal space mapping (see Fig-
ure 7). While the in situ x-ray data map
lattice strains in orientation space, the
EBSD maps orientation in real space
and therefore contributes complemen-
tary information.
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ing measurements of the evolution of
microstructures under strain up to the
limit of ductile failure. The mapping
measurements can also be applied to
study a variety of phase transforma-
tions and structural domain wall mo-
tions such as occur in ferroelectric and
other materials.

FAR-FIELD INTER-GRANULAR
STRAIN MAPPING AND
HIGH-RESOLUTION
RECIPROCAL SPACE
MAPPING

Tensile Deformation of Ti-7Al

Figure 4 depicts the far-field setup at
APS 1-ID-C used for in situ loading/
diffraction experiments on Ti-7Al.

The goal of these experiments was
to use high-energy x-rays and elec-
tron microscopy (EM) to understand
the grain scale deformation behavior
of this important class of titanium al-
loy. In particular, we sought to con-
trast the micromechanical response
in two states (named for the cooling
rates used after annealing): (i) Air
Cooled (AC) material, which is known
to contain Short Range Order (SRO)
domains and (ii) Ice Water Quenched
(IWQ), state without SRO. The differ-
ent material states give rise to distinct
strain hardening. EM has revealed
that the AC material develops planar
slip bands whereas the IWQ material
develops a rather uniform dislocation
distribution. We present results here as
a means to illustrate the nature of the
far-field techniques and their poten-
tial for understanding inter- and intra-
granular micromechanical deformation
processes such as deformation parti-
tioning among different grains within
a polycrystalline aggregate and dislo-
cation structure evolution. Two differ-
ent experiments have been performed.
First, diffraction measurements were
performed at several load steps as in-
dicated in Figure 5 while the deforma-
tion was halted (interrupted loading).®
Recent instrumental advances enabled
diffraction measurements in situ dur-
ing continuous deformation—where
loading is not paused. The load curves
shown in Figure 5 were recorded dur-
ing the continuous loading experiment
and indicate the relative differences in
hardening behavior between the two

material states.

As depicted schematically in Figure
4, entire Debye Scherrer rings of data
are collected on detector A. Individual
reflections are matched with particular
grains within the deforming aggregate
by indexing software.’® The samples
were rotated about the loading axis by
120° (¢) while an image was acquired
for each one degree interval. Every
crystal within the x-ray beam (300 um
(hor.) x150 um (vert.)) diffracts from
several sets of lattice planes ({hki}s).
Each reflection on detector A is unique-
ly specified with a triplet of angles,
(26, n, ¢), which are defined in Figure
4. The diffraction experiment basically
involves tracking the diffracted intensi-
ties at each load level. The rotation axis
is aligned with one grain, which be-
comes the centering or “master” grain.

About 20 reflections were recorded
from each grain and normal strains
were evaluated from the 26 shifts. The
grain specific lattice strain tensors were
determined by least-square fitting to
the normal strain projections. In track-
ing the diffracted intensity (reflections)
from any grain besides the master, we
must also account for its distance from
the rotation axis. With the single crys-
tal elastic moduli and the lattice strain
tensor from each grain, we are able to
calculate the full stress tensor experi-
enced by each grain within the aggre-
gate. We also obtain the vector from
the centroid of the master grain to the
centroid of all other grains. Figure 6
depicts the stress state of four crystals
within the Ti-7Al AC aggregate at four
macroscopic stress levels (red symbols
in Figure 5). The first two stress lev-
els are within the elastic regime and all
crystal stress states are close to uniaxial
tension. Upon yielding, the rotation of
each stress-jack is consistent with a
facetted single crystal yield surface as-
sociated with restricted slip.*

A comparison of the crystal stress
states at the first and last macroscopic
stress levels (395 MPa and 400 MPa)
provides a demonstration of plasticity-
induced changes in the stresses experi-
enced by individual crystals. Because
of the importance of the grain scale
stress state for processes such as mi-
crocrack initiation and microplastic-
ity, the variations of stress state seen in
Figure 6 as well as their deviation from

the uniaxial macroscopic condition are
the most important observations from
these experiments. As the sophistica-
tion of crystal-scale models improves,
HEDM data will prove invaluable for
both instantiation of identical virtual
polycrystals and for validation of stress
state predictions.

Due to the large distance from de-
tector B to the deforming sample and
the narrow bandwidth of the incident
x-ray beam, data collected there are
high-resolution two-dimensional cuts
through the reciprocal space intensity
distribution of the selected reflection.
Details of the high-resolution space
mapping technique are given by Jakob-
sen et al.? Three-dimensional recipro-
cal space maps are obtained by trans-
forming successive images recorded
on detector B while rotating the sample
in small intervals around the w-axis.
A perfect lattice produces a recipro-
cal space map with sharp peaks asso-
ciated with each lattice plane, {hkl}.
As the grain deforms and the lattice
strains, the peaks shift and broaden.
Figure 7 shows a cut through the recip-
rocal space intensity distribution for a
prismatic reflection of the AC master
grain from the continuous deformation
experiment. The data were recorded
after the continuous loading was ter-
minated and the load was reduced to
prevent creep. Before deformation,
all intensity was concentrated in a few
pixels, i.e. instrumental broadening can
be neglected. Three distinct domains,
which are associated with changes in
lattice orientation, are resolved along
the azimuthal direction (abscissa).
It is obvious that the domains have
distinct strain values. Thus, a determi-
nation of dislocation density from the
width of radial distributions has to be
domain specific as the inter-domain
strains broaden the grain integrated ra-
dial distribution. During recent experi-
ments, high-resolution reciprocal space
maps were recorded for 12 reflections
for the AC and IWQ master grains.
These data sets should enable the re-
construction of the grain specific orien-
tation distribution and the lattice strain
distribution?® for model comparison.
It should be noted that the reciprocal
space maps do not provide any spatial
information. Therefore, post-mortem
EM can provide largely complemen-

74

www.tms.org/jom.html

JOM e July 2011



tary information if the samples are
serial sectioned after the experiment.
The location of the master grains were
carefully documented during recent ex-
periments and serial sectioning experi-
ments with electron backscatter diffrac-
tion (EBSD) were performed post-mor-
tem. An EBSD imaged section through
the AC master grain is shown in Figure
8. It is seen that the grain splits into a
small number of misoriented domains,
in agreement to the described x-ray re-
ciprocal space mapping.

Furthermore, foils were extracted
from within the AC master grain and
investigated by TEM. Such high real
space resolution data cannot be ob-
tained by the described x-ray tech-
niques and enable the characterization
of individual dislocations and their
distribution. Models have also been
developed to extract dislocation char-
acter and density from the radial peak
profiles of high reciprocal space reso-
lution x-ray data (e.g. by Wilkens®,
Ungar'®). However, the x-ray reciprocal
space maps described above integrate
over the volume of individual grains
and spatial heterogeneities must be
taken into account for quantitative peak
shape analysis. The TEM observations
provide a benchmark for the ongoing x-
ray peak profile analysis.

We now present an example of com-
bining HEDM lattice strain data with
highly resolved finite element method
(FEM) simulations of the Ti-7Al. Fig-
ure 9 presents modeling results for the
stress state relative to the single crystal
yield surface as well as slip system ac-
tivity.

Dislocation Structure Evolution
in Copper under Tensile
Deformation

Plastic deformation of metals such
as copper is accomplished by motion
of dislocations. These line defects are
stored in the material as self-organized,
ordered dislocation structures. In defor-
mation-induced microstructures, dislo-
cation-rich walls (dislocation boundar-
ies) separate dislocation-depleted re-
gions of slightly different orientations.
Both microstructural constituents can
be distinguished using high-angular
resolution x-ray diffraction by their dif-
ferent signature on x-ray reflections.
This situation is different from that for

the described high resolution Ti-7Al
measurements (Figure 7) where no
individual subgrains are resolved. Re-
ciprocal space maps of individual x-ray
reflections obtained with high angu-
lar resolution (recorded on detector B
in Figure 4) reveal a small number of
sharp, high-intensity peaks on top of a
spread-out, smoothly varying intensity
distribution*? (Figure 10). The latter
cloud contribution arises from the disor-
dered dislocation walls, whereas the in-
dividual sharp peaks are the signatures
of nearly perfect subgrains. By analys-
ing the behavior of the high-intensity
peaks during deformation, properties
of the related subgrains can be investi-
gated and their evolution monitored in
situ (Figure 11). This is illustrated for
copper deformed in tension.? A par-
ticular grain with desired orientation is
selected in the bulk of a polycrystalline
specimen. Reciprocal space maps of a
{400} reflection close to the tensile axis
are recorded. By reciprocal space map-
ping the evolution of the deformation-
induced microstructure can be followed
during different loading regimes: ten-
sile straining, stress relaxation'’ (Figure
12), unloading, or strain path changes.'®

SUMMARY AND
CONCLUSIONS

This paper provides an overview of
the High-Energy Diffraction Micros-
copy (HEDM) suite of experiments un-
der continued development at the Ad-
vanced Photon Source (APS) beamline
1-ID. These experiments are designed
to quantify grain scale structure and
mechanical response within deform-
ing polycrystalline alloys. The data
from HEDM experiments are provid-
ing important information regarding
deformation and damage evolution at
the most important size scales. The mi-
crostructural characterization data from
near-field HEDM experiments are com-
parable to the results from the current
generation of serial sectioning/EBSD
experiments, which provide three-di-
mensional orientation reconstructions
of polycrystalline aggregates. The im-
portant distinction is the non-destruc-
tive nature of the HEDM experiments.

Grain boundary topology can be
mapped in the near-field geometry
whereas strain and stress states of in-
dividual grains are mapped in the far-

field setting during in situ loading
conditions. The lattice strain tensors
of individual grains within a deform-
ing polycrystal can be measured with
resolution of the order of 10*. The
relatively small number of grains that
are possible to interrogate in a typical
HEDM lattice strain experiment has
been a limitation in the past—making
it difficult to interpret the applicability
of the findings. Recent data sets cover
statistically representative numbers of
grains (hundreds to thousands).
Evolving dislocation structure is
investigated by in situ high-resolution
reciprocal space mapping and can be
augmented by post-mortem EM. These
multiple length scale data open a
unique opportunity to validate and de-
velop micromechanical models. There
exists enormous potential for drasti-
cally improving our understanding of
grain scale mechanical processes by
using these unique experimental re-
sults together with modeling formula-
tions. Large potential lies in software
advances reconstructing strain distri-
butions in real and orientation space.
Significant experimental progress is
possible by technological evolution
that is currently occurring in the ar-
eas of x-ray production and detection.
At present, a dedicated experimental
station is being designed at the 1-1D
beamline that will enable the simul-
taneous acquisition of near- and far-
field data. This will make it possible
to replicate the microstructural details
within the polycrystalline aggregate
and the resulting unique stress states
experienced by each of the deforming
crystals. Furthermore, a new thermo-
mechanical sample environment stage
is being developed capable of high fi-
delity cyclic loading. Dedicated x-ray
optics will also provide sub-micron
sized beams aiming at a “zoom-in”
micro-diffraction option once interest-
ing features are identified by the fast
“tomographic” scan modes.
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Figure 9: FEM simulation. The underlying mesh is based on the experimentally measured centroidal grain coordinates (details are given
in Bernier et al.*?). Each complete grain is composed of several thousand finite elements; this level of discretization facilitates a significant
amount of intra-granular heterogeneity to develop. The elastic and plastic material parameters were adjusted to match the stress-strain data
for the alloy, and the aggregate was subsequently deformed in uniaxial tension out to ~2% plastic strain as in the experiment.

Top row: sections of deviatoric stress space spanned by the basal <21 10>{0001} and prismatic $2110>{01 10} slip systems; each defines a
two-dimensional surface in the full five-dimensional space. The black lines represent the traces of the reference CRSS values for each slip
system, 1 : P2 — g3, where t is the Cauchy stress, P? is the deviator of the Schmid tensor for the o slip system, and g# are the corresponding
reference CRSS values. These figures approximate yield surface sections at fixed state; edges correspond to facets, and vertices correspond
to edges. The pyramidal slip systems do not describe a simple two-dimensional subspace, nor are they on average active in the incipient
plasticity regime examined, and therefore are not shown. Blue points are the projections of the stresses from each element discretizing the
grain into the respective stress subspace. Red points are the projections of the stress obtained via the volume-averaged strain tensor over
the grain, and thus approximate the type of stress available from the far-field HEDM experiment. Points near the envelope denote “active” slip
systems under the power-law slip kinetics, and the spread is indicative of the intra-granular deformation heterogeneity. That the red points lie
near the center of these clouds is not at all surprising; it does illustrate, however, that the average stress lies at a point that is consistent with
the bulk slip system activity. For this grain, one basal slip system is active.

Middle row: Two-dimensional histograms of slip activity over the grain for each denoted slip system. The color represents counts on a log
scale plotted against normalized shearing rate, y« /||Da| where D, is the applied rate-of-deformation tensor, and resolved shear stress, 1 — t
: Pa, for each slip system. The black lines along the 1* axes represent the values calculated from the grain volume-averaged stress for each
individual slip system. The shape of the histograms for active slip systems reflect the underlying power law kinetics and display a clear “knee”
with high count densities around the CRSS values. The histograms for largely inactive slip systems generally lack the knee and have peak
counts along the tail at stress magnitudes below the corresponding CRSS value.

Bottom row: Inter-granular stress data over the grain neighborhood as composite histograms. The colored two-dimensional histograms
represent the aggregate of the grain-level histograms (as above) over the neighborhood. The superimposed grey histograms represent the
1@ values calculated from the grain-averaged stresses over each slip system. Note that slip systems that are active over the neighborhood
display ya/||Da||—ra histograms consistent with the single-grain counterparts: a clear knee with a high counting density at the CRSS value.
What is interesting, however, is that the purely inter-granular histograms (i.e., the grey bars) also display a peak at a stress magnitude that
coincides quite closely with the CRSS value. Meanwhile the histograms for the inactive pyramidal slip systems display no such peak at the tail.
This important result indicates that despite the intra-granular heterogeneity, the statistics over the volume-averaged stresses from each grain
in the neighborhood are sufficient for capturing the underlying CRSS values.
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Figure 11: (a) Radial intensity profile (indicating strain) of a {400} reflection from a single
grain in a copper specimen after 2% tensile deformation. The intensity profile from LaB
powder is included for comparison (open squares). The vertical lines indicate the 10%,
25%, 50%, 75%, and 90% quantiles. (b) The radial positions of 14 selected peaks com-
pared to the radial position of maximum intensity and the 25%, 50% and 75% quantiles
of the radial profile for the entire grain. The peaks occur at quite different radial positions
and hence the associated subgrains experience quite different elastic strains. Obviously,
the peaks are not spread evenly around the median (corresponding closely to the average
intensity), but gather around the position of maximum intensity indicating an overall back
strain of the subgrains compared to the average elastic strain of the grain.*?
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Figure 12. Azimuthal projections
of reciprocal space maps of a
{400} reflection from a single grain
during tensile loading and stress
relaxation.'” The time is specified

with respect to the instant of stop-
ping the tension motor. As long as
deformation proceeds significant
changes in the subgrain structure
are observable from the reciprocal
space maps. Temporary formation
of new subgrains and disappear-
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ance of others can be recognized.
During the holding stage, there is
no evidence of any microstructur-
al change on the subgrain level,
but the width of the radial profile
decreases indicating a decrease
in the variation of elastic strains
within the grain.
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